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Molecular orientation and mechanical properties of polystyrene/poly(vinyl methyl ether) (PS/PVME)
miscible blends have been investigated in a broad range of compositions, taking as a reference the temperature
of phase separation. Fourier transform infra-red spectroscopy and birefringence have been coupled to
characterize the state of orientation of each component of the blend. It is found that the orientation
decreases progressively with an increase in the amount of PVME in the blend, and that a close relation
holds between the Young’s modulus and the overall orientation. The results are interpreted in terms of
free-volume variations with the distance to the glass transition temperature. At the initial stage of
deformation, the relation between modulus and orientation is analysed using the rubber elasticity theory,
whereas at larger deformations, the strain-orientation relation is properly modelled using a constitutive
equation derived from the Doi-Edwards molecular theory.
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INTRODUCTION

Deformation mechanisms in polymer blends are, in
general, complex in comparison to those of homopolymers.
Experiments that measure the molecular orientation of
each component, during the deformation, allow the
analysis of these mechanisms at the molecular level. Such
investigations are of particular interest in understanding
the relations between orientation and physical properties,
and also in developing phenomenological models
describing the deformation and the viscoelastic behaviour
of this class of materials.

In that context, many studies of the orientation in
polymer blends have been reported. For example, the
early work of Hubbell and Cooper’? on miscible and
immiscible poly(caprolactone)-based polymer mixtures
and the comprehensive studies of Jasse, Monnerie and
co-workers*® on various miscible blends led to the
conclusion that, even with miscible blends, the two
polymers orient differently when the glass transition
temperature (7)) is taken as the reference temperature.
However, it is clear from these studies that the
mechanisms of orientation in polymer blends are still not
completely understood.

In the present study, we have selected, for orientation
measurements, the polystyrene/poly(vinyl methyl ether)
(PS/PVME) system which represents, in our opinion, an
excellent model. On the one hand, it is completely
amorphous, hence no complication due to the presence
of a crystalline phase is expected. On the other hand, this
blend, which is miscible at the molecular level®’, exhibits
a lower critical solution temperature which allows the
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possibility of comparing the orientation behaviour in the
miscible and heterogeneous states. Indeed, the phase
diagram of the PS/PVME binary mixture, determined
from cloud-point measurements as described in the
Experimental section, exhibits three regions of interest in
which the viscoelastic and mechanical behaviour may be,
a priori, quite different (Figure I). The mechanisms of
chain relaxation are not the same if the system is above
or below its T, and furthermore, in the phase-separated
state, the mechanical response to a step deformation may
depend upon additional parameters such as size, nature
and morphology of the phase domains. Our initial
investigation focuses on the region between T, and the
temperature of phase separation (T;). In this zone, the
blend is miscible and two temperatures of reference can
be easily defined.

1. T, can be considered as a reference for chain mobility,
since the relaxation motions become faster when
increasing the distance from T,. However, a recent
study® on poly(methyl methacrylate) (PMMA) has
shown that this is not an ideal reference state since
two samples of PMMA, differing only by their degree
of tacticity, exhibit different orientation behaviour
even when the distance to T, is kept constant.

2. T, has been taken, in the first approximation,
as a reference to characterize the state of specific
interactions which are responsible for the miscibility
between PS and PVME. The closer the temperature
to T, the weaker the interaction between the dissimilar
chains. In the limiting case, i.e. at T, phase separation
is induced.

The main objective of this work is to analyse the
orientation behaviour of PS/PVME blends, coupling
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FTi.r. spectroscopy and birefringence, at T, — 62, i.e. when
the difference between the stretching temperature and the
temperature of demixing is kept constant. At that
reference temperature, the data of Han et al.”'° show
that the X,, thermodynamic interaction parameter
changes monotonically and very slightly with blend
composition. For instance, (X ; ,/v,) x 10* ranges between
—2.3 and —3.4 when the weight fraction, w,, of PVME
varies from 0.1 to 0.8 (v, is the molar volume of a reference
cell). In comparison, at T, + 10, (X, ,/v,) x 10* ranges from
—22atw,=0.1, to —5.6 at w,=0.5. In other words, by
taking T,— 62 as the stretching temperature, the strength
of specific interactions between PS and PVME is
kept roughly constant and the variations observed in
orientation must be attributed to other factors.

THEORY

In the case of a uniaxial mode of deformation, the
orientation of a structural unit of a polymer chain can
be described by an orientation function f(6), where 8 is
the angle between the structural unit axis and the
stretching direction®®, It is assumed that the distribution
of the structural units is random in the plane perpendicular
to the stretch direction. The orientation function can be
developed as a series of Legendre polynomials in cos 6:

o0

f(O)= 3, (n+3)XP,(cos 6))P,(cos ) (1)

n=0

where

{P(cos 0))= J f(O)P,(cos ) sinf db (2)
0

To evaluate precisely f(6), the different moments

{P,(cos 8)) of the orientation function must be determined.

However, for a simple deformation process, the second

moment {P,(cos 0)) is adequate to describe properly the

state of orientation'?.

Different techniques have been used to measure
{Py(cos 6)). Among them, birefringence and i.r. dichroism
are usually used as complementary methods to analyse
the molecular orientation of multicomponent blends.
In the case of an amorphous homopolymer, the
birefringence A is directly related to {P,(cos 6)) by **:

A= Aol P,(cos ) 3)

where Ao is the intrinsic birefringence of the material.
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For a binary mixture, the measured birefringence can be
written:

A= 1A0,{Py(c0s 0,)) + ¢,A0,{P,(cos 0,)> +Af (4)

where (P,(cos 8,)>, Ao; and ¢, are the second moment of
the orientation function, the intrinsic birefringence and
the volume fraction of the ith component, respectively.
Af is the form birefringence related to the difference of
refractive index between the two polymers. However, in
the case of miscible blends, this term is neglected!*:!>,

The second moment of the orientation function can
also be calculated from FTir. measurements. The
dichroic ratio D of any i.r. absorption band is related to
(P,(cos 8)> by’

(Pylcos 0)) =(D—1)Do+2)/(D+2}Do—1)  (5)

where D=A,/A, which is the ratio of the absorbance
for the electric vector of the incident radiation polarized
parallel and perpendicular to the stretching direction,
respectively. Do=2cot’ o, o being the angle between
the transition moment vector of the vibration under
consideration and the local chain axis. For polymer
blends, the orientation of each component can be
determined provided that specific bands, corresponding
to vibration modes with well-defined transition moment
vectors, are observed for the two polymers. This is not
the case for the PS/PVME system. However, the coupling
of FTir. and birefringence measurements allows the
characterization of the individual orientation of the two
chains, as will be explained later.

EXPERIMENTAL

Materials

Atactic PS and PVME were used in this study. PS had
M, =300000 and a polydispersity index of 1.06. PVME
had M, =44000 and a polydispersity of 2.3. These values
were determined by size exclusion chromatography in
tetrahydrofuran at 298 K using PS standards.

Films of different compositions and thicknesses were
cast from benzene solutions onto a glass plate. They were
first air-dried for 1 day, and then the last traces of solvent
were removed under vacuum at T, + 30 for 36 h.

Birefringence and mechanical property measurements

Birefringence and mechanical property measurements
were conducted using an Instron tensile tester, model
1130, with a controlled temperature sample compartment
constructed in our laboratory. For the birefringence
measurements, an He/Ne laser source was placed at the
back of the sample compartment and a Soleil-Babinet
compensator at the front. It was therefore possible to
measure the birefringence and the stress-strain curves
simultaneously, at a fixed temperature. The samples,
which had an initial thickness of 200 um, a width of
3.5 mm and a length of 45 mm, were stretched at a strain
rate of Scmmin~!. The birefringence measurements
required a pause time which, however, did not exceed
100 s.

Infra-red dichroism measurements

FTi.r. measurements were carried out using a Mattson
Sirius 100 spectrophotometer with a rotating wire-grid
polarizer (Specac UK). An ir. cell, constructed in our
laboratory and adapted to the sample compartment of



Orientation in PS/PVME blends: E. Abtal and R. E. Prud’homme

the spectrophotometer, allowed the sample to be heated
to a given temperature and to be stretched at a constant
strain rate of 5.0 cm min~!. The sample was stretched to
the desired draw ratio and the stretching process was
then interrupted for about 100 s while the two polarized
spectra were recorded. For each polarization, the phase
correction was executed separately, and 30 scans were
co-added with a maximum optical retardation of 0.52 cm,
and triangularly apodized to yield a resolution of
4cm™!. Lr. dichroism was calculated from the peak
height intensity measured in absorbance. All spectral
manipulations were executed with software provided by
Mattson. The samples had an initial width of 5.0 mm and
initial length of 20mm. The thickness was adjusted
between 40 and 100 um, depending on blend composition,
in order to maintain the i.r. absorbance below unity and
to avoid deviations from the Beer—Lambert law.

For both birefringence and i.r. experiments, values of
the orientation function reported in this paper are
averages of at least three measurements on different
samples with a reproducibility estimated to be about
10%.

T, and T, measurements

To construct the PS/PVME phase diagram, T, was
determined with a Perkin—Elmer DSC-4 differential
scanning calorimeter, equipped with a thermal analysis
data station and calibrated with indium, at a heating rate
of 20K min~'; T, was determined using a Zeiss optical
microscope, a Zeiss photometer and a Mettler hot stage.
The samples were heated from room temperature to the
phase-separated state, at a heating rate of 2 K min~!. T,
was then taken as the temperature where the intensity
begins to increase (cloud point).

As can be seen in Figure 1, a single T,, intermediate
to those of the pure components, is observed at each
composition, indicating the miscibility of the system in
the entire composition range. On the other hand, the
variation of T, with composition is monotonic and almost
linear in a broad range of composition, with a minimum
at a PYME weight fraction of about 0.75 and at a
temperature of 370 K, in good agreement with the data
of Hashimoto et al.!®. Furthermore, the miscibility
window, ie. the interval between T, and T, increases
from 60 K at low PVME content to about 120 K at high
PVME concentration.

RESULTS

Overall orientation and modulus

The overall orientation of the samples was characterized
by birefringence measurements. Figure 2 gives the
increase of the birefringence as a function of the draw
ratio 4, at T, — 62, for different blend compositions. It is
observed that the data points vary almost linearly with
A. The continuous lines are the result of a simulation of
the data on the basis of the Doi-Edwards theory, as will
be explained later. This orientation behaviour can also
be described by plotting the initial slope, —dA/d4, of the
curves of Figure 2 as a function of the PVME percentage
(Figure 3). It is seen that the overall orientation decreases
with an increasing amount of PVME in the blend.
Young’s moduli (E), for different compositions of the
blend, were calculated from the initial slopes of the
stress—strain curves. These values, when plotted as a
function of the PVYME blend concentration, exhibit the
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Figure 2 Birefringence, A, as a function of the draw ratio, 4, for
different blend compositions at a stretching rate of Scmmin™'.
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Figure 4 Initial slope of A=f(/) as a function of Young’s modulus,
E, for different blend compositions

same variation as the overall orientation (Figure 3). This
similar behaviour leads to a linear relation between
—dA/dA and E, as illustrated in Figure 4.

PS orientation

The decrease observed in birefringence and Young’s
modulus as a function of the PVME content may be, a
priori, related to an overall decrease of orientation of the
two components, or to a preferential decrease in
orientation of one of them. In order to examine this point,
FTir. analysis of the PS orientation in the blend
was made using the well-isolated 1028 cm ™! band,
corresponding to the v g, vibration of the in-plane
stretching mode of the C—H groups of the aromatic cycle.
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The vibration is conformationally insensitive, with a
transition moment vector perpendicular to the chain
axis!’.

Figure 5 shows the variation of {P,(cos 8,)) of PS with
the draw ratio, for different compositions. Here also,
the solid lines are the result of a simulation using
the Doi-Edwards theory. As was observed for the
birefringence and Young’s modulus, the PS orientation
decreases progressively when the fraction of PVME in
the blend increases (Figure 6).

PV ME orientation

The PS/PVME i.r. spectrum exhibits an overlap of a
large number of PS and PVME bands!®!°. For the
PVME, only two bands are well isolated. The first one,
at 1100 cm ™1, is assigned to the asymmetric stretching
mode of the C-O-C bond, while the second one, at
2820 cm ™1, is assigned to the symmetric stretching mode
of the methoxy group'®. These modes are both related
to the side-chain vibrations. Thereafter, an FTir.
determination of the PYME orientation is not possible,
since the real conformational structure of the side chain
of the PVME in the blend is not known. However, the
state of orientation of this polymer may be approximated
from the calculation of its dichroic ratio. In the range of
composition and temperature studied, D ranges between
1 and 0.98 for the 1100 cm ! band, indicating a weak
orientation of PVME in the blend.

The orientation of this polymer can be characterized
more accurately by coupling FTir. and birefringence
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methods. The contribution Ao,{P,(cos 8,)> of the PVME
to the total birefringence is directly related to its state of
orientation. According to equation (4), and neglecting the
small difference between the density of the two polymers,
the volume fractions ¢; become weight fractions w;, and
Ao,{P,(cos 8,)> can be expressed as:

A0, {P,(c0s 8,)) =(A—w; Ao, {Py(cos ,)>)/w, (6)

To calculate this contribution, we have used the
experimental values of A and (P,(cos 8,)) reported in
Figures 2 and 5, whereas Ao, was derived from FTir.
and birefringence measurements on pure PS, according
to equation (3)'°. The orientation of PVME exhibits the
same trend as that of PS with respect to the blend
composition (Figure 6). However, it should be noted that
the PVME orientation decreases more rapidly than that
of PS: above a PYME weight fraction of about 0.3, the
PVME chains remain practically unoriented.

ANALYSIS AND DISCUSSION

Models based on the rubber elasticity theory

Due to topological constraints between the chains,
amorphous polymers are known to form stable networks
if their molecular weight is larger than the critical
molecular weight for the formation of stable entanglements
(M,). Consequently, one would expect that, at least at
small deformations above T, their behaviour could be
properly described by the rubber elasticity theory.
Making this assumption, an attempt has been made to
model the modulus—orientation and strain—orientation
relations using the rubber elasticity theory.

Let us begin by looking at the relations between
the overall orientation and Young’s modulus. For a
crosslinked homopolymer, the rubber elasticity theory?®
indicates that the birefringence is proportional to the
applied stress. This linear relation has been extended to
uncrosslinked amorphous homopolymers by Read?!. In
the case of amorphous miscible blends, one can write:

A=W1C10'1 +W2C20-2 (7)

where C; is the stress-optical coefficient and o, the applied
stress of the ith component. This equation may be
rewritten in the form!#:

A=(w,Cik+w,Crky)a=C(wy)a (8)

where k;=a/0; is the stress-concentrating factor for
the ith component and C((w,) the average stress-
optical coefficient of the blend. The first derivative of

equation (8) with respect to A leads to:
dA/dA=(w,C k,+w,C,k,)E=C(w,)E )

In order to verify the validity of this equation, we have
plotted —(dA/dA)(1/E) versus w,. As may be seen from
Figure 7, a linear relation holds between C(w,) and w,,
in good agreement with the proposed equation. This
result illustrates the close relation between the overall
orientation and the mechanical properties, and suggests
that the blend exhibits a rubber-like behaviour at the
initial stage of deformation. This can be understood if
one assumes that entanglements, as well as specific
interactions between the dissimilar chains, may play, at
this stage, the role of actual crosslinks.

Let us pursue the analysis of the relation between strain
and orientation. Assuming an affine deformation of the
end-to-end vector of the flexible chains, Roe and
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Figure 8 Simulation of the orientation function {P,(cos 6)> of PS in
the 90% PS blend, by the classic models derived from the rubber
elasticity theory. 1, Affine model, N =29; 2, model of Raha and Bowden,
No=2, k=0.5; 3, pseudo-affine model

Krigbaum?? developed a rubber-like network theory
relating <{P,(cos 8)) to the strain A:

(Py(cos 0)) =(1/5N)A*—1/7)
+(36/8TSN2YA* + 1/3 —4/312)
+(108/6125N3)(16 +343/5—8/54%) +---

(10)

where N is the number of freely jointed links between
entanglement points. An attempt has been made to model
the orientation of PS in the blend using this equation.
An example is given in Figure 8 (curve 1) for the 90%PS
blend, a composition where the network characteristics
are expected to differ only slightly from those of pure PS.
{Py(cos 8,)) was then calculated using equation (10) and
a value of N =29, assuming M_ = 18 000 and the average
number of repeat units per random link = 6, as reported
for pure PS?3. It is clear from this figure that the
orientation data of PS cannot be expressed with this
affine deformation model, even at small values of A.

As pointed out by Raha and Bowden?#*, the deviation
from the rubber-like behaviour might be related to the
breakdown of entanglements of the temporary network
of the amorphous polymers, during the deformation.
To account for this phenomenon, they suggested an
exponential increase of the number of statistical segments
between entanglement points with the draw ratio:

N =N, exp(kl) (11

where N, is the thermal equilibrium value of N for the

unstrained network, and k is a temperature-dependent
parameter determined by the extensibility of the chains.
Taking N,=29, it was not possible to fit properly the
orientation data of the 90%PS blend on the basis of the
Raha-Bowden model, for any value of k. Alternatively,
if Ny and k are both taken as adjustable parameters, the
best fit is obtained with No=2 and k=0.5 (Figure &,
curve 2), which are unrealistic values for the PS network.
Other classic models, such as the pseudo-affine model?®
or the modified rubber-network model proposed by
Nobbs and Bower?%, were tested but were unsuccessful.
For example, in the pseudo-affine model, the end-to-end
vector of the chains is assumed to rotate affinely during
the deformation, but without extension, and {P,(cos 6))
is given by an equation containing no adjustable
parameter:
(Pyfcos )y =

323208 — {1 (22— 1)~ sin ™ (43— 1/2°]72} — 112
(12)

As can be seen in Figure 8 (curve 3), the calculated values
of {P,(cos f)) are much higher than the experimental
values. The studies of Hibi et al.2” and O'Neill et al.?8
suggest that the orientation behaviour of amorphous
polymers might be described by a judicious combination
of some of these models. However, we believe that such
classic approaches are not appropriate since they
completely ignore the relaxation motions which are
crucial in such media.

Doi-Edwards theory

The molecular theory recently developed by Doi and
Edwards?°-3! describes the relaxation motions, in
deformed and highly entangled media, via the reptation
concept introduced by de Gennes>2. The relaxation of a
suddenly deformed chain is assumed to occur in three
different steps, which are well-separated in time. The first
step of relaxation (step A) is a Rouse motion of a fraction
of the chain between two entanglement fixed points. The
second step of relaxation (step B) is a retraction of the
deformed chain inside its deformed tube to recover its
equilibrium curvilinear length. The last relaxation step
(step C) corresponds to the reptation of the chain outside
its deformed tube in order to reach an equilibrium
isotropic conformation.

The Doi-Edwards topological model is extended here
to the analysis of molecular orientation in PS/PVME
blends. As far as the PS orientation is concerned, it is
assumed that the three steps of relaxation of the
Doi-Edwards theory are not significantly altered by the
presence of PVME chains. The specific interactions just
introduce additional entanglement points in the PS
temporary network, which hinder the chain relaxation.

According to Tassin®33%, in the case of uniaxial
orientation following a step deformation, the second
moment of the orientation function is given by:

P4, )=(c/30}2% = 1/A)[1 + (ot — Dun(t)]* pa(Opc(t)

(13)

where:
o=[A+sinh "1 X/XAY?)}/2 (14)
X=(A3-1? (15)

A 1s the draw ratio and ¢ is a constant related to the
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density of entanglements. The relaxation functions pu,(t),
up(t) and pc(t) correspond, respectively, to steps A, B
and C:

=1+ exp(—tk?/zy) (16)
k=1
i) = T (8/0%n%) expl—1p?/ry) a7

udt)=y. (8/p*n? exp(—tp?/tc) (18)

podd

where 1,, 15 and 1¢ are, respectively, the characteristic
times of relaxation of the A, B, C processes, given by:

Ta=(Eb*N2/6n’ky T)? (19)
15=2(Nc/Ne)*t, (20
1c=6(Nc/Ne)’t, 1)

where ¢ is the Rouse segment friction coefficient and b
is the length of the repeat unit. Nc and Ne are,
respectively, the number of repeat units per chain and
the number of repeat units between entanglements, N,
is the number of Rouse segments between entanglements,
kg is the Boltzmann constant and T'is the temperature.

Following the same approach adopted by Tassin in
the calculation of the applied stress, we have rewritten
equation (13) in the form:

Pihi=c 3. Fiuo) @)
where:

F,(A)=(1/3a2}A>—1/4) (23)
H1(8) = pa(®)uclt) 24
Fa(A)=(2/30?)e—1)A>—1/2) (25)
1(8) = pa(t)pp(t)pc(t) (26)
Fy()=(1/32)1 = /) (2> —1/4) @7
13(1) = pA(OpEOu(E) (28)

For a continuous mode of stretching, and assuming the
validity of the Boltzmann superposition principle3®, the
second moment of the orientation function is given by:

P,(A,t)= —cz

Fi(4, X)=F{At)/ X)) (30)

In our experiments, the sample was stretched to a given
draw ratio A, with a constant linear strain rate § =dA/dt.
The limiting conditions are:

1) % [F(L e (29)

For t<0,i=1  _ (%)=
For t>0, A=1+é (& A)=(1+é)/(1+ér)

Taking into account these conditions, equation (29) is
modified as follows:

Pykt)=c Z { {Au)

+Jt FL[(1+é)/(1 +é)] % [pt—1)] dt’}

0

€29

4666 POLYMER, 1993, Volume 34, Number 22

or
3

Pyl)=c Z {F {Aml(A—1)/¢]

A
4 j FARE) (= 200 dz'}

(32)

It is observed that, for a given 4, P,(4) depends upon
parameters ¢, t,, Ty and 7, since & is known from the
experimental conditions.

It is difficult to model the orientation data using the
general form of equation (32), since for a given value of
¢, it is always possible to adjust independently the
parameters 74, Ty and 1 to fit the experimental data. In
other words, the set (¢, 7, 75, T¢) is not unique, for a
given composition. However, it can be noticed that
equation (32) is sensitive to the different relaxation times
1, only if &7, lies between 0.25 and 25; this has been tested
numerically, since the relative variation of {P,(cos 6))
outside these limits is well below 10%, which is the limit
of sensitivity of the experimental measurements. These
limiting values correspond to t; between 10? and 10*s,
since the effective strain rate used here is 8=0.0025s"!
In other words, when 1, is out of this range, the relaxation
process is either too fast or too slow, as compared to the
experimental time-scale, to be detected in the orientation
measurements. Taking this into account, the following
procedure has been adopted in order to reduce the
number of adjustable parameters.

First, it must be realized that, by taking T, as a reference
temperature, the samples are stretched at different
distances from T,. For example T-T, is 4K for the
90%PS blend whlle it is 53K for the 50%PS blend.
Hence, the relaxation times are expected to vary by
several orders of magnitude as a function of composition.
Second, the relaxation time of the PS chains in the blend
can be taken to be of the same order of magnitude as
that of pure PS, at the same reference temperature T— T,,.
Some typical values of the PS relaxation time, which
have been determined by different techniques3’~*°, are
summarized in Table 1. We have recalculated each of
these values for a reference temperature T, =392 K and
M, =300000. The range of values thus obtained is also
given in Table 1. The temperature correction has
been made using the Williams-Landel-Ferry (WLF)
equation*!

log(t1/10)=

where 4=9.2 and B=68.8 K are the WLF coefficients
derived from the data of Plazek*2. The molecular weight
correction, as well as the evaluation of other relaxation
times from experimental data, have been made using
equations (20) and (21). Table I indicates wide scatter in
the data; in our opinion, this is mainly due to the
difference in the techniques used. However, it is clear
that, at 392 K for example, the relaxation processes A
and C in pure PS are outside the range of sensitivity of
the experimental orientation measurements. In order to
check this point, and also to properly select reference
values of the relaxation times, orientation measurements
have been made on pure PS at 392 K, which corresponds
to T, + 10. As can be seen from Figure 9, the experimental
data are properly fitted using only two parameters,
¢ and 7g, assuming that u,(¢t) and uc{t) are ~1. The

—A(T-Ty))/(B+T—T,) (33)
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Table 1 Relaxation times 1,4, 1z and 7 of pure polystyrene taken from the literature. In the last row, values are calculated for 7,=392K and a

molecular weight of 300000, as indicated in the text

M

T w Ta 3 Tc
(K) x 103 ) () s) Ref.
390 700 1-13 3x 1034 x 10*° 3.5x 10°4.7 x 10° 35
433 35-2700 09-54 25%x1073-89 1.5x 10724 x 10% 36
200 200 55 25¢ 833 37
393 100-900 5.6° 3.5%10%-2.8 x 10* 5.7x10%4.2 x 10° 38
392 300 0.5-7 29 % 10%-3.9 x 10° 1.5-19 x 10*
“Experimental values
0.25 Table 2 Relaxation times of pure polystyrene calculated at different
reference temperatures, T— T,, using equation (33)
0.20 +
N -1, Ta T Tc
= (K) (s) (s) (s)
< 015}
g 4 4 2270 1.2x10%
< 0.10 10 0.54 300 15% 104
o 20 3.6x1072 20 1.0x 103
39 1.0x 1073 56x107! 28
005 53 L6x107* 8.7x 1072 43
0.00 . -
1 2 3 4
Draw ratio (A )
Figure 9 Orientation function {P,(cos 6)) of pure PS as a function 4.00
of the draw ratio, 4, at 392K and a stretching rate of 5cm min~!. The
continuous line is drawn using equation (32) with ¢=0.09, 15=300s, PN
§=00025s"" Z
o 200}
= PS in the blend
g
relaxation time derived from this fit is t53=2300s, which 0.00 |
leads to 1,=0.54s (equation (20)) and 7.=1.5x10*s
(equations (20, 21)). These values are in agreement with
the literature data (Table I). 2.00 ‘ | PurePs
Starting from these reference values, the characteristic o 20 40 60

relaxation times of pure PS have been calculated, at
different temperatures T— T, corresponding to those of
the different blends (Table 2). It can be noticed that the
A process is expected to be fast compared to the
experimental time-scale, in the whole temperature range
investigated. Furthermore, at T— T, <20 K, the C process
is expected to be too slow, while at T-T,>20K, the
B process is too fast. It is then possible to fit the
experimental data, at each blend composition, using
only one relaxation time as an adjustable parameter
(Figure 5), namely, 15 at T— T, <20 K (i.e. 90, 80 and 70%
PS blends) and 1 at T-T,>20K (i.e. 60 and 50%PS
blends). It should be noted that the shape of the curves
is influenced mainly by the relaxation time parameter,
whereas the parameter ¢, which is a multiplicative
constant in equation (32), affects only the magnitude of
{P,(cos 8))'°. In addition, the decrease of {P,(cos 0)) at
high values of 1 is observed experimentally for the 60%
and 50%PS blends and is theoretically confirmed. This
is due to the fact that, at high A, the time of stretching
becomes larger than the relaxation time 7., which leads
to the progressive decrease in orientation.

The analysis of the results on the basis of the
Doi-Edwards theory allows us to understand the
orientation behaviour of the PS/PVME blend, at T, — 62.
By keeping the distance to T constant, as in this study,
the difference between the stretching temperature and T,
increases progressively with PVME content in the blend.

T-Tg (K)

Figure 10 Relaxation time 7y of pure PS and of PS in PS/PVME
blends, as a function of the distance from T,

Therefore, the free volume of the chains increases, leading
to faster relaxation and lower degree of orientation. For
instance, when w, decreases from 0.9 to 0.5, the free
volume fraction of the blend, calculated assuming a simple
rule of additivity, increases from 0.025 to 0.036, and the
PS relaxation time decreases correspondingly by two
orders of magnitude (Figure 10). In that context, the more
rapid decrease of PVME orientation as compared to PS
orientation, illustrated in Figure 6, can be explained by
a more rapid relaxation of PVME as compared to PS.
This may be attributed to its lower molecular weight, as
expected from the theory. On the other hand, it can be
noticed from Figure 10 that, for a given reference
temperature T7— T,, the relaxation time of PS chains in
the blend is, in general, higher than that in pure PS.
Moreover, the difference between the relaxation time in
pure PS and in the blend increases with the amount
of PVME. This behaviour reflects the influence on
orientation of specific interactions between PS and
PVME, which modify the local environment of the PS
chains and hinder their relaxation. Since the probability

POLYMER, 1993, Volume 34, Number 22 4667
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of heteromolecular contacts increases with w,, this
influence is expected to become stronger as PVME is
introduced in the blend. The effect of specific interactions
on molecular orientation of PS/PVME blends will be
analysed in more detail in a forthcoming paper*?.

From another point of view, it is worth noting that
the overall orientation of the blend can also be modelled
by the constitutive equation (32) assuming that the two
dissimilar chains behave like a hypothetical ‘equivalent
chain’, due to the presence of specific interactions between
them (Figure 2). However, the parameters derived from
such an analysis characterize the overall behaviour of the
two polymers and cannot be attributed specifically to one
of them.

CONCLUSION

The linear relation between the overall orientation
and Young’s modulus, observed at the initial stage
of deformation of PS/PVME blends, is satisfactorily
explained by the rubber elasticity theory. However, the
classical models of deformation derived from this
theory fail to describe the strain—orientation relation at
larger deformations, mainly because the relaxation
contribution, which plays a crucial role in amorphous
blends, must be considered at larger deformations.
On the other hand, the relation between strain and
orientation has been successfully modelled by a
constitutive equation derived from the Doi-Edwards
theory, which integrates explicitly the chain relaxation
motions. The relaxation time of PS chains in the blend,
derived from this analysis, was found to be higher than
that in pure PS, for the same reference temperature 7— T,.
This behaviour emphasizes the importance of specific
interactions and their influence on the dynamics of the
chains in a blend.

It must be pointed out that this theoretical approach
gives useful information about the orientation process in
the PS/PVME blend, even though the Doi-Edwards
model was developed originally for simple amorphous
systems. However, a more rigorous approach, using the
concept of the tube model and integrating explicitly the
specific interaction contribution in the form of an external
potential, has to be developed. Such an approach has
been proposed to predict the linear viscoelastic behaviour
of compatible polymer mixtures***>, but this model is
valid only in the linear viscoelastic region and cannot be
directly transposed for large deformations.
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